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Abstract In order to achieve improved properties and

performance with WC-based cemented carbides, research

efforts have been directed towards the development of

nanostructured cemented carbides. With the recent devel-

opment of ‘spray conversion process’ for synthesizing

nanosized powders and the advent of spark plasma sinter-

ing technique, it has been possible to successfully develop

bulk nanostructured cemented carbides, possessing

improved hardness and wear resistance. On a different

note, realisation of the fact that the presence of metallic

binder phase is deleterious towards certain applications of

WC-based cermets has led to a recent surge of interest

towards the development of novel ‘binderless’ WC-based

ceramics by replacing the metallic binder phase with

ceramic sinter-additives. More recently, it has been possi-

ble to develop dense WC-based ceramic composites with-

out considerable deterioration of fracture toughness in the

absence of the metallic binder phase. In the above per-

spective, the present review focuses mainly on the recent

research results concerned with the processing and char-

acterisation of nanostructured WC-based cermets and bin-

derless WC-based ceramic composites.

Introduction

Among different ceramics, carbides of transition metals

such as WC, TiC or TaC are refractory compounds and

possess high hardness and strength, which are maintained

even at elevated temperatures. Hence, such ceramics are

well suited for demanding structural applications, espe-

cially those that require the capability of withstanding high

temperatures. However, these covalently bonded ceramics

are brittle and are difficult to densify [1–3]. In order to

address such shortcomings, an important class of com-

posite structural materials, known as cermets, have been

developed [2]. In such composites, a metallic binder (Co,

Ni) is used to obtain dense bulk materials based on the

refractory ceramics (such as WC, TiC or TiB2) [2–10].

WC-based cermets have been used since decades in

various engineering applications, such as cutting tools,

rock drill tips, tools and dies and as well as general wear

parts [1–12]. In addition to such extensive structural

applications, novel applications such as use in catalytic

converters as well as in microelectronics have also been

proposed for WC-based materials. In fact, these cermets,

which traditionally are composites of tungsten carbide

particles bonded with metal(s) (mainly Co or Ni) via

liquid-phase sintering, are deemed to be commercially one

of the oldest and commercially most successful products

fabricated using powder metallurgical techniques [2–8].

WC-based cermets are also more popularly known as

‘cemented carbides’ or ‘hardmetals’ in cutting tool industry

[3, 4]. It must be mentioned here that, with respect to other

ceramics, over 95% of all cemented carbide cutting tools

are based on WC [2].

Such conventional two phase (WC–Co/Ni) composite

materials derive their exceptional combination of mechan-

ical properties, such as elastic modulus of *550 GPa,
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hardness of *16 GPa and fracture toughness of

*14 MPa m1/2, from those of their components, viz. the

hard refractory WC and soft ductile metallic phase [2, 4, 8,

11]. Furthermore, WC-based ceramics also possess appre-

ciable electrical conductivity, which allows them to be

shaped by electrical discharge machining (EDM) to man-

ufacture complex components.

Considerable research activities in last two decades have

been concerned with the development of bulk ceramic-

based nanomaterials, which are characterised by grain sizes

of at least one of the microstructural phases, typically

smaller than 100 nm [12–16]. Such materials have been

observed to possess considerably improved physical,

mechanical and tribological properties at ambient as well

as at elevated temperatures, which make them more

promising materials for demanding structural applications,

as compared to their conventional counterparts [12–16].

However, challenges involved in their successful process-

ing have hindered their extensive commercial applications.

Nevertheless, some improved as well as novel processing

techniques have recently been developed to partially solve

this problem [12, 15, 16].

On a similar note, with the objective of developing

WC-based cermets possessing further improved properties,

research efforts have been directed towards the develop-

ment and characterisation of WC-based composites con-

taining nanosized grains [11, 17–30]. However, in earlier

attempts to synthesize nanosized powders of WC-based

cermets via mechanical milling methods, usually the par-

ticle sizes could not be refined below *0.5 lm [31]. In

contrast, more recently developed chemical synthesis

methods, in particular ‘spray conversion process’, has

allowed routine development of nanosized powders

(\100 nm) at industrial scale [11, 17, 19, 20, 22, 32–41].

Along with such development, the advent of advanced

electric field assisted sintering techniques, such as spark

plasma sintering (SPS), has led to the successful develop-

ment of dense WC-based bulk composites, possessing

nanoscale microstructures in various research laboratories

[12, 19, 21–24, 28]. However, even to date, the develop-

ment of truly nanostructured cemented carbides (WC grain

size \100 nm) on a commercial scale have not been rou-

tinely achieved. Rather, ultra-fine grained cemented car-

bides, having WC grain sizes below *250 nm, are

presently being developed in various cemented carbide

industries and such grades are known as ‘nanoscale’ in the

industrial world. Such developments in the commercial

sector have recently been reviewed by Pastor and Prakash

[5]. The present review will mainly concern with the pro-

gress in research being pursued in developing such the finer

grades cemented carbides.

It has also been realised that the presence of the softer

metallic phase in conventional as well as nanocrystalline

WC-based cermets limits the performance and hinders the

use of such materials in applications involving high tem-

peratures, high speeds or corrosion-prone environments

[42–50]. Hence, there has been a very recent surge towards

the development of dense novel WC-based materials

by replacing the metallic binder phase partially or fully

by ceramic sinter-additives [22, 46–55]. However, the

intriguing issue is the attainment of near theoretical den-

sification and prevention of the deterioration of fracture

toughness in the absence of metallic phase.

In the light of continuing research efforts aiming for the

development of WC-based materials possessing further

improved properties and enhanced applicability, the

present review focuses on more recent developments on

such promising materials. Following a brief description of

the structure and properties of WC, the research results

concerning the processing and properties of bulk

WC-based cermets containing nanosized grains are pre-

sented in details. This is followed by critical analysis of

the factors influencing the properties of the nanostructured

cermets with respect to their conventional counterparts.

The review then sheds light on the more recent attempts to

develop binderless WC-based materials. Finally, few

issues associated with the present state of development

and potential applications of such nanostructured and

binderless WC-based materials are raised, along with a

brief summary of the salient features based on the recent

research results.

Structure and properties of WC

The tungsten rich part of the W–C binary phase diagram, as

presented in Fig. 1, reveals the presence of three stoichi-

ometric W–C compounds, namely W2C (b), WC1-x (c) and

the technically important WC (d) [56, 57]. It must be noted

that the d-WC is the only binary phase stable at room

temperature and has a very narrow, virtually negligible,

homogeneity range of *6.1 wt% carbon from room tem-

perature to *2400 �C. It has also been experimentally

verified that d-WC does not exhibit any deviation from

stoichiometry and that in the normal state, no vacancies can

be detected in the structure [56, 57].

While the c-WC1-x crystallizes in a cubic rocksalt type

crystal structure, the other two carbides are hexagonal in

nature. More precisely, the d-WC has a simple hexagonal

structure (space group: P 6 m2) with the ratio between the

a-axis (lattice parameter *0.2906 nm) and the c-axis

(lattice parameter *0.2838 nm) in the unit cell being

*0.976. If the W atom is considered to be located at the (0,

0, 0) position, the carbon atom is either located at the (1/3,

2/3, 1/2) or at the (2/3, 1/3, 1/2) position, which results in

a non-centrosymmetric crystal structure [1, 58–61]. In

572 J Mater Sci (2011) 46:571–589

123



simpler terms, the W atoms form a hexagonal lattice, with

the metal atoms being located at the corners of the trigonal

prisms. The centre of each second prism in a layer of such

trigonal prisms is occupied by a carbon atom, which also

forms a hexagonal lattice. Such arrangement of W and C

atoms implies that in the next layer, each carbon atom is

situated above another carbon atom. Furthermore, each W

atom is also surrounded by a trigonal prism of six C atoms.

Single crystals of WC possess variation in the properties

with respect to crystallographic orientations. For instance,

the hexagonal non-centrosymmetric crystal structure gives

rise to anisotropy in microhardness [58, 61]. A Knoop

hardness of *2400 on both the basal plane (0001) and the

prism planes {1010} have been measured with the long

diagonal of the Knoop indenter in the h1120i directions.

However, with the long diagonal in the [0001] directions on

the prism planes, a considerably lower hardness of *1000

has been measured. Another important implication of the

anisotropic nature of the WC crystal structure is the for-

mation of ‘trigonal prism shaped’ crystals or WC grains

during sintering in the presence of liquid phase, as in the

case of cemented carbides [17, 22, 23, 49, 58, 60, 62, 63].

The differences in surface energies between high energy

surface planes and lower surface energy planes are

responsible for the characteristic trigonal shape of the WC

grains [22, 23, 58, 60, 62, 63].

The different properties of WC, along with those of

other transition metal carbides and borides, are summarised

in Table 1. It can be observed that WC, having a melting

point of *2800 �C, is one of the most refractory ceramics.

Also, its stiffness (E *700 GPa) is significantly higher

than the other carbides and borides. Though the room

temperature hardness of WC (*22 GPa) is not amongst

the highest known, the hardness is maintained at elevated

temperatures as against the hardness of most other cubic

carbides [31]. It can be observed that, as opposed to such

refractoriness, monolithic WC is extremely brittle. Fur-

thermore, the covalent bonding and the concomitant

refractoriness renders it very difficult to sinter pure WC to

near theoretical densities. Both of these shortcomings are

taken care by the addition of a metallic phase (more

commonly Co and Ni), which act as sinter-aid [2, 4, 8, 17–

21, 26–29, 62–65] as well as toughening agent [2, 4, 8, 11,

20, 21, 30, 66] in the WC–Co/Ni/Fe cemented carbides.

Since Co is one of the more costly transition metals,

researchers attempted to explore the effects of replacing

more conventional Co binder with other metallic binders

[67–75]. However, from the sintering point of view it has

been realised that most metals do not wet the WC particles

as well as Co, although the wetting achieved by Ni and Fe

are fairly good leading to good densification during sin-

tering [72]. However, use of pure Ni or Fe as binders often

results in the precipitation of graphite or brittle g-phase

(M6C) during cooling from the sintering temperature [72,

Fig. 1 W-rich part of W–C binary phase diagram [57]

Table 1 Summary of some of the important properties of various refractory carbides and borides [3, 31, 47]

Property WC W2C VC TiC TaC SiC Cr3C2 TiB2 ZrB2

Crystal structure Hexagonal Hexagonal Cubic Cubic Cubic Hexagonal Orthorhombic Hexagonal Hexagonal

Melting Point (�C) 2800 3000 2700 3067 3800 2200 1800 3225 3000

Density (g cm-3) 15.6 17.3 5.7 4.93 14.5 3.2 6.66 4.52 6.1

Linear thermal expansion; a (10-6 K-1) 5.2 8.0 7.2 7.42 6.3 5.68 10.3 7 6.83

Elastic modulus (GPa) 720 – 422 400 285 480 373 560 350

Hardness (GPa) 22 30 29 30 18 20–35 14 25–35 22–26

Fracture toughness, KIC (MPa m1/2) 5 – – 4 – 2.5–6 – *4 –

Thermal conductivity (W m-1 K-1) 29–121 – – 17–32 – 15–155 – 60–120 23.03

Electrical resistivity (10-6 Xcm) 17 – – 52 – [105 – 10-30 9.2
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73]. Hence, use of binders other than Co necessitates very

stringent control of the carbon content and composition.

Furthermore, it has been observed that the mechanical and

tribological properties of cemented carbides containing

binders different from Co are usually inferior to those of

WC–Co cemented carbides [67, 70]. For addressing these

issues concerning the deleterious effects of using single

phase Ni or Fe as binders, several investigations [72–75],

mainly in the late 1970s and early 1980s, focussed on

exploring the possibilities of using different combinations

of Ni–Fe–Co as binders with the aim of achieving prop-

erties comparable to WC–Co cemented carbides at lower

production costs. Even though some success was demon-

strated in replacing the Co-binder partially or fully with

combination of other metals [67–75], WC–Co still remains

the most widely investigated cemented carbide composi-

tion for different applications and for studies concerning

further developments in such materials. Hence, the present

review will focus mainly on WC–Co cemented carbides.

Processing and properties of bulk nanostructured

WC-based cermets

Even though WC-based cemented carbides have exten-

sively been used for various technological applications

since the early nineties, the last few decades have wit-

nessed tremendous surge for the development of fine

grained and ultra-fine grained cemented carbides [11, 17–

21, 26–41, 62–65]. Such interest stems from the fact that

not only the mechanical properties but also the tribological

properties (wear resistance) are significantly improved in

the presence of finer microstructure [12, 14–16]. Contin-

uing from the efforts to develop finer grain sized cemented

carbides, and in light of recent focuses on different nano-

structured materials [12, 14–16], one of the present

research objectives in the materials community is the

development of cemented carbides containing nanosized

grains [11, 17–21, 26–42, 62–65]. However, due to various

processing challenges, typical of nanostructured materials

[12, 16] and liquid phase sintered WC-based cemented

carbides [17, 22, 23, 49, 59–63, 76], it was not possible to

develop such bulk nanocomposites even in various research

laboratories until very recently.

Synthesis of nanosized WC–Co powders

Since, cemented carbides are developed using powder met-

allurgical routes, the primary requirement is the availability

of nanosized staring powders (\100 nm). Preliminary

attempts to produce nanosized WC–Co powders were based

on mechanical crushing and grinding of the coarser powders.

However, reduction in particle size to less than *0.5 lm

was usually not possible using the conventional comminu-

tion techniques [31]. We believe that the hindrance in

reduction of particle sizes below certain sizes corresponds to

the lowering of the probability of finding internal defects or

surface notches, which act as critical flaws at the stresses,

generated by such comminution techniques [12, 16]. How-

ever, with higher stresses that can be generated in high

energy ball milling (HEBM) technique, it has been possible

to reduce the sizes of the cemented carbide powders to

nanosized regime [29, 54, 55, 73, 74, 77]. Furthermore, the

mechanical activation of precursor powders during HEBM

is also employed to develop nanocrystalline WC-based

composite powders via solid state reaction [54, 55, 73].

Fig. 2 TEM images of WC–Co nanosized powders produced via

a high energy ball milling (dark field image) [29] and b spray

conversion processing [19]
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Figure 2a shows some typical examples of nanocrystalline

cemented carbide powders produced by HEBM.

The development of nanosized WC–Co powders in larger

scale received a major impetus with the development of a

chemical synthesis technique, called ‘spray conversion

process’ (SCP) [17, 32–40]. Such a process involves rapid

spray drying of aqueous solutions of water soluble precur-

sors, such as Co(en)3WO4 (en = ethylenediamine) or mix-

ture of (NH4)6(H2W12O40)�4H2O; AMT) and CoCl2 or

Co(NO3)2 [17, 32, 33], followed by thermochemical con-

version to nanostructured WC–Co powders in a fluidised bed

reactor. Such process is now routinely used to commercially

produce nanocrystalline cemented carbide powders, which

are used for fabricating bulk nanostructured cemented car-

bides [11, 17, 19, 20, 22, 32–40]. Figure 2b shows nanosized

WC–Co powders synthesized using SCP. Another route,

based on chemical synthesis has also been employed to

produce WC–Co nanosized powders. Such route involves

co-precipitation of W and Co containing salts, such as AMT

and Co(NO3)2, from a liquid, followed by carburisation [78].

The precipitating agents, such as guanidine salts, can be used

to accelerate the precipitation process. In an exploratory

work, Gao and Kear [41] demonstrated the feasibility of

developing nanocrystalline WC–Co powders via a single

step displacement reaction process, which involves reduc-

tion and carburisation of W-containing compounds, such as

WO3 or ammonium tungstate. More recently, a novel ther-

mal plasma process using tungsten hexachloride (WCl6) as

precursor, has been used to produce nanosized (\100 nm)

WC powders [79]. In such a process, methane–hydrogen

mixtures were used for reduction and subsequent carburi-

sation of the vaporised precursor. Presently, such mechanical

comminution and chemical synthesis methods are used by

various companies, such as Nanodyne, Dow Chemical

Company (USA), H. C. Stark (Germany) and Tokyo Tung-

sten Co. Ltd. (Japan).

Processing of dense nanocrystalline bulk cemented

carbides

Typically, dense cemented carbides are developed via

sintering the WC–Co powder mixtures. In the sintering

temperature range of 1400–1500 �C, the metallic binder is

in molten state, which aids in liquid phase sintering. Since

Co can dissolve W and C, solution/re-precipitation of these

elements through the liquid (metallic) phase during sin-

tering often results in significant coarsening of the WC

grains during sintering [17, 22, 23, 49, 59–63, 76]. The

coarsening rate is much more pronounced, when ultra-fine

or nanosized starting powders are used. This is in view of

the fact that WC/Co interfacial area is significantly

increased with nanosized powders and concomitantly the

rate of dissolution of WC in Co, which is also in agreement

with the Gibbs–Thomson effect [77, 80]. Furthermore,

considering the basic phenomenon that typically occurs

during liquid phase sintering, grains can also grow by

coalescence following rearrangement of the grains during

the early stages of liquid formation. Usually, the grains can

re-adjust their orientation via rotation, such that a few finer

grains can coalesce to form a single coarser grain, if their

orientations get matched during the rotation [81]. This

process of grain growth is also accelerated by finer particle

sizes of the starting powder mixture. In fact, it has been

reported that during conventional sintering of cemented

carbides nanocomposite powders, a major fraction of grain

coarsening occurs during the initial stage and this is

attributed to the coalescence of grains [82]. Hence,

attaining near theoretical density using conventional liquid

phase sintering route, while at the same time retaining

nanosized grains in the as-sintered cemented carbides,

becomes nearly impossible. Furthermore, such coarsening

by solution–precipitation phenomenon lead to the devel-

opment of the characteristic ‘trigonal prism shaped’ WC

grains, which are detrimental to the mechanical properties

[17, 22, 23, 49, 59, 60, 62, 63]. Figure 3a shows a typical

microstructure of such WC–Co composite, conventionally

sintered via liquid phase sintering. Various attempts have

been made to develop dense nanostructured or ultra-fine

grained WC-based cemented carbides via application of

different pressures during formation of green compacts

from nanopowders and using different heating schedules

during sintering [83]. However, success in maintaining WC

grain sizes to sub-micron levels after attaining near theo-

retical densification could not be achieved on a regular

basis using conventional sintering techniques.

In order to prevent the extensive coarsening of WC

grains during sintering, various other transition metal car-

bides, such as VC, Cr3C2, Mo2C, TiC, have been used as

grain growth inhibitors [20, 24, 25, 84–86]. It is believed

that these carbides also get dissolved in the metallic phase

and suppress the dissolution of W, which in turn reduce the

coarsening of WC grains by solution/precipitation phe-

nomenon. Additionally, the coarsening is also minimised

due to solute drag effect of the dissolved transition metal

carbides. The segregation of these grain growth inhibitor

metal carbides at the WC/WC and WC/Co grain bound-

aries have been confirmed by TEM and HRTEM [87–89].

However, there is a limit to which the coarsening of WC

grains can be minimised by using such grain growth

inhibitors. Even though development of dense cemented

carbides possessing sub-micron sized grains have been

possible by such technique [20, 24, 25, 84–86], the effect

of such inhibitors is insufficient to lead to the routine

development of WC–Co bulk nanocomposites. Also, the

use of excess amount of grain growth inhibitor carbides

may result in the formation of microstructural phases in
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addition to WC/Co and sometimes core–rim type micro-

structure. Figure 3b shows the presence of finer WC grains,

along with (W,Ti,V)C grains in the cemented carbide,

sintered using grain growth inhibitors.

It has also been observed that it is possible to obtain dense

cemented carbides at relatively lower sintering temperatures

(*1200–1300 �C) using nanocrystalline starting powders

[64, 65]. The higher surface area of the nanosized powders,

leading to accrued densification kinetics, is one of the rea-

sons for such lowering of sintering temperature. Further-

more, it has been demonstrated that as opposed to coarser

starting powders, a major portion of the densification of

nanocrystalline cemented carbide particles can be achieved

in the solid state that is before the complete melting of the

metallic binder phase [64, 65]. However, even with such

lowering of sintering temperature, retaining nanosized

grains in the as-sintered cemented carbides is difficult using

conventional pressureless sintering techniques.

Over the last decade, extensive research activities have

demonstrated that electric field assisted sintering techniques

(FAST) are capable of producing dense ceramic nano-

composites with negligible microstructural coarsening at

considerably lower sintering temperatures and extremely

short holding time (often \5 min), along with extremely

rapid heating rates up to *1000 �C/min [12, 15, 16, 90–

94]. The variants of versatile techniques are more com-

monly known as SPS, pulse electric current sintering

(PECS) or pulsed current activated sintering (PCAS). All

such variants of FAST procedures involve the application of

an external electric field along with uniaxial pressure.

Despite all the advantages that SPS offers, even to date

there are certain issues, related both to the mechanistic as

well as operational aspects, which are not properly resolved.

One of the major concerns is the uncertainty in the corre-

lation of the temperature usually measured by focussing an

optical pyrometer on outer surface of the graphite die with

the actual bulk temperature experienced by the powder

compact, which makes it difficult to confirm actual sintering

temperature [12, 95, 96]. Furthermore, especially since the

time involved in the sintering process is extremely short,

temperature may not be uniform over the entire cross-sec-

tion of the sample, which once again limits the size and

shape of the products, that can be sintered using SPS [12,

95, 96]. However, it has been recently demonstrated that

problems arising from such non-uniform temperature dis-

tributions in SPS can be minimised using multi-stage sin-

tering (MSS) scheme for various conducting as well as non-

conducting ceramics [97–99]. Such novel processing

scheme, if extended towards sintering nanostructured

cemented carbides, might lead to still further improvement

in the microstructural development and properties. Another

issue that must be relevant to SPS processing of cemented

carbides but which, to the best of our knowledge, has not

been explored extensively, is that since graphite dies are

used in SPS, inter-diffusion of carbon between the die and

the solid powder compact may change the actual carbon

Fig. 3 Back scattered SEM

(BSE-SEM) images obtained

with a coarse grained WC–Co

cemented carbide sintered via

conventional pressureless

sintering [118]; b finer grained

cemented carbide sintered in the

presence of grain growth

inhibitor cubic carbides like VC

and TiC [86]; c (BSE-SEM),

d (TEM) spark plasma sintered

WC–Co nanocrystalline

cemented carbides [22, 49]
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content of the as-sintered cemented carbides and which is a

critical parameter for the phase/microstructure development

and hence, various properties of such materials. More

details regarding SPS technique, its versatilities and prob-

lems, are beyond the scope of the present review and are

available elsewhere [12, 15, 16, 90–96].

Nevertheless, more recently SPS and related techniques

have been successfully employed to produce dense cemented

carbides containing nanosized grains routinely in various

research laboratories [12, 15, 16]. The lower recorded sin-

tering temperatures (*1100–1200 �C) and shorter sintering

times (*5–10 min), that are sufficient in achieving near

theoretical densities by such advanced sintering techniques

allow the retention of nanosized grains (\200 nm) in the as-

sintered WC-based composites. In a recent theoretical study

on the grain growth of WC–Co cemented carbides, it has

been reported that the reduction in the sintering temperature

and time can have significant effect on retardation of WC

grain growth [100]. For instance, after sintering via PCAS to

full density at*1200 �C of SCP synthesized WC–x wt% Co

(x = 8, 10, 12) powder mixtures, no apparent growth of the

WC crystallites was recorded in the as-sintered bulk

cemented carbides (WC grain size *380 nm) [22]. Also,

Michalski and Siemiaszko [101] achieved near theoretical

density, along with maintaining the WC grain size to less

than 100 nm, for WC–12 wt% Co cemented carbides sin-

tered via pulse plasma sintering at 1100 �C for 5 min. In a

very recent work [49], we have been able to successfully

develop fully dense bulk WC–6 wt% Co cemented carbides

possessing nanosized WC grains (*300 nm) via SPS at

1300 �C. Figure 3c, d presents the microstructures of

nanocrystalline WC–Co cemented carbides, sintered using

SPS.

Table 2 presents a comprehensive survey of the micro-

structure and properties of cemented carbides, sintered

using such advanced sintering techniques. The ability of

such electric field assisted sintering technique to minimise

grain growth as compared to conventional pressureless

sintering, while at the same time enabling near theoretical

densification, can be clearly observed from Table 2.

Additionally, few examples are cited to elucidate the role

of grain growth inhibitors on the microstructural develop-

ment and mechanical properties of WC–Co cemented

carbides. The results, as presented in Table 2, suggest that

even though WC grain growth can be suppressed by the

addition of small amounts of cubic carbides like VC or

Cr2O3, SPS and related processing techniques are more

effective in minimising WC grain growth as compared to

the addition of such grain growth inhibitors. It can also be

noted that the microstructural parameters, in particular WC

grain size and Co content, have significant effects on the

mechanical properties of the cemented carbides. Such

effects are critically analysed in the following section.

Relationship between microstructure and properties

of nanocrystalline cemented carbides

The microstructures of cemented carbides are basically

characterised by combination of two phases, the hard/

brittle WC and the ductile metallic binder (Co), which in

reality is an alloy of Co–W–C. The WC grains exist as

islands within the matrix, made up of the binder phase. The

most commonly observed shape of most of the WC grains

in the cemented carbides is traditionally known as ‘trun-

cated trigonal prism’ [20–24, 63, 102, 103], which is

basically an equiaxed trigonal prism, bound by three

{10�10} prism facets and two {0001} basal facets. Fig-

ure 4a presents a schematic representation of the typical

shape of the WC grains in cemented carbides and Fig. 4b, c

presents representative TEM images obtained from WC–

8 wt% Co cemented carbides, showing that the prismatic

(P) and the basal (B) planes of WC form the interfaces with

Co grains [102]. A number of investigations have con-

firmed that in most cases, these two facets form the inter-

faces with the metallic binder phase [102–106]. In addition

to the interfaces between the WC and Co grains, TEM

observations [106], along with theoretical estimations

based on interfacial energies [103–105], have revealed that

a monolayer or half a monolayer thick Co film is usually

present along most of the WC/WC interfaces. In the con-

text of the interfacial energies, it has been estimated that

the WC/Co interfacial energies (*0.5 J/m [2]) are an order

of magnitude lower than the WC/WC interfacial energies

[104]. Not only does such difference in interfacial energies

affect the microstructural development and influence the

wetting of the WC/WC interfaces with the metallic binder

phase but also is important during fracture of cemented

carbides, when cracks tend to propagate preferentially

along WC/WC grain boundaries [104]. As mentioned in the

previous section that certain transition metal carbides, in

particular VC, are often added to WC/Co for achieving WC

grain refinement and that such particles have been observed

to segregate along the WC/Co and WC/WC interfaces.

A Closer look using HRTEM has revealed that steps are

present in the h11�20iwc directions along the WC/Co

interface structure in the presence of such grain growth

inhibitor metal carbides (Fig. 4d, e), whereas the WC/Co

interfaces normally appear as smooth and straight in the

absence of any such grain refiners (see Fig. 4b, c) [87–89].

Furthermore, extremely fine VC precipitate particles have

been observed to lie along the (0001) and {10�10} facets of

the steps, with the concentration of VC being higher at the

(0001) facet plane [87–89].

The basic microstructural features which influence the

different mechanical and tribological properties of the

cemented carbides are the volume fraction of the binder
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phase (fCo), average WC grain size (dWC), binder mean free

path or the thickness of the binder phase (k) and the con-

tiguity (CWC/WC) of the WC grains. It must be noted that

these features are in turn related to each other. For instance,

CWC/WC has been observed to increase with decrease in

dWC. Also, k depends on both fCo and dWC and for a given

fCo decreases with the decrease in WC grain size. In

addition to these microstructural parameters, also important

for the properties of bulk WC–Co composites is the

composition of the binder phase, which in turn depends on

the WC grain size. For instance, the smaller the WC grain

size, the greater amount of W and C get dissolved in the

binder phase, which stiffens and strengthens the binder

increasingly. In fact, the presence of W between *20 and

40 wt% in the metallic phase (Co) of nanostructured

cemented carbides, as opposed to the presence of only

*3 wt% W in the more conventional WC–Co composites

possessing coarser WC grains, has been confirmed by

Fig. 4 a Schematic

representation of the typical

shape of the WC grains

[trigonal, bounded by basal (B)

and Prismatic (P) Planes] in

cemented carbides [102]; b,

c TEM images showing the

smooth and straight WC/Co

interfaces in cemented carbides

not containing any grain growth

inhibitor carbides. Note that the

P and B planes of WC form the

interfaces with the Co grains

[102]; d TEM[88] and

e HRTEM [88] images showing

steps along the WC/Co

interfaces in the presence of

grain growth inhibitor carbides

(VC in this case)
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analytical electron microscopy [11]. This implies that the

resistance to deformation of the binder phase in the

WC–Co nanocomposites is significantly higher in nano-

structured carbides than in more conventional cemented

carbides [11]. Furthermore, the presence of excess W as

solute also stabilizes the higher temperature face centred

cubic (fcc) crystal structure of Co, relative to the hexagonal

crystal structure (hcp), which is normally observed at room

temperature. Hence, the Co binder of nanostructured

cemented carbides usually has a higher ratio of the volume

fraction of fcc to hcp phase as compared to the binders in

coarser grained WC–Co composites [11, 20].

One of the important properties that is required for

various applications of cemented carbides is high hardness.

In this respect, it has been observed that a reduction of WC

grain size results improvement in the room temperature

hardness of WC–Co cemented carbides [11, 20, 30, 107,

108], with the hardness reaching a significantly higher

value for nanostructured cemented carbides. For example,

while the room temperature Vickers hardness of conven-

tional WC–6 wt% Co composites varies around *15 GPa

[107], the hardness of WC–6 wt% Co nanocomposites can

be as high as *20–23 GPa [28, 49]. Such effect of grain

size on the room temperature hardness is also apparent

from Table 2. In fact, a Hall–Petch type relationship

between WC grain size and hardness of WC–Co cemented

carbides has been regularly observed [20, 107, 108]

(Fig. 5a). However, in a more recently reported study,

Roebuck [109] observed that even though the data con-

cerning variation of hardness (HV30) with grain sizes

(dWC; between 0.2 and 5 lm) can be fitted using Hall–

Petch relations (HV30 = 970 ? 540 dWC
-1/2 for WC–6 wt%

Co and HV30 = 850 ? 485 dWC
-1/2 for WC–10 wt% Co), a

better fit could be obtained using a second order polyno-

mial (HV30 = 674 ? 1031 dWC
-1/2 - 181 dWC for WC–

6 wt% Co), proposed earlier by Gille and et al. [110] (see

Fig. 5b, c). However, the extrapolation of such a polyno-

mial fit predicted a decrease in hardness below dWC

*100 nm [109], for which presently there is a lack of any

conclusive evidence based on experimental data. Further-

more, it was also observed in the work of Roebuck [109]

that empirical logarithmic relations [30, 111, 112]

(HV30 = 1538 ? 742 log10 dWC for WC–6 wt% Co and

HV30 = 1391 ? 598 log10 dWC for WC–10 wt% Co) can

give better fits with respect to an inverse square fit (HV30

versus dWC
1/2 ; based on Hall–Petch relation), specially at the

upper and lower limits of grain size range (see Fig. 5d).

That the Hall–Petch relations, which are based on certain

physical deformation laws, do not fit as good as the

empirically derived logarithmic and polynomial relations,

indicates that further investigations are required to ascer-

tain the micro-mechanisms involved in the macroscopic

plastic deformation of cemented carbides.

It has been observed by Jia et al. [11] that the hardness

of cemented carbides increases with decrease in the binder

mean free path (Fig. 5b). Since for the same binder content,

finer WC grain size implies smaller thickness of the binder

phase (k), the reduction of grain size to nanosize regime is

bound to result in significant increment in the hardness and

this can be observed from Fig. 5b. An important observa-

tion is that the rate of increase in hardness with decrease in

k is considerably higher for nanostructured cemented car-

bides, as compared to conventional WC–Co composites. It

is believed that this is due to higher flow stress of the

binder phase in nanostructured cemented carbides in the

presence of much higher amount of dissolved W and C in

the binder phase, associated with nanosized WC grains

[11]. Hence, in addition to general finer scale microstruc-

ture, the increase in stiffness and strength of the binder also

contribute to the significant increase in hardness observed

for nanostructured WC–Co cemented carbides. A majority

of the applications of cemented carbides involve high

temperatures up to even 1000 �C. Hence, it is important for

such materials to preserve hardness at higher temperatures.

In this regard, it has been observed that a decrease in

hardness with an increase in temperature is less pro-

nounced for finer grain sized cemented carbides [11].

However, to the best of the authors’ knowledge, still

lacking is a detailed investigation of high temperature

mechanical properties of nanostructured cemented

carbides.

In the same work, Jia et al. [11] noted that in the low

load regime, nanostructured cemented carbides show much

lesser degree of indentation size effect as compared to

conventional WC–Co composites. It has been demon-

strated that for brittle materials, one of the main reasons for

indentation size effect, or decrease in hardness with an

increase in indentation load, is due to microcracking

occurring in the plastic deformation zone beneath the

indentation [30, 113]. Hence, the increased resistance of

WC–Co nanocomposites towards indentation size effect is

believed to be due to the suppression of indentation

induced microcracking relative to the coarser grain sized

cemented carbides.

The extensive applications of WC–Co composites as

structural materials arise from the fact that in addition to

high hardness, which is characteristic of the hard and brittle

ceramic materials, cemented carbides possess superior

fracture toughness. The metallic binder phase is responsible

for imparting the fracture toughness to the cemented car-

bides. The toughening effect of the metallic binder phase is

a combination of two different mechanisms: (a) shielding of

the crack tip from the external stress field due to plastic

deformation of the binder in the process zone of the prop-

agating crack; (b) bridging of the crack wake by intact

ligaments of the metallic binder. In contrast to the well-
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documented improvement in hardness with reduction in

grain size for cemented carbides, there is a considerable

debate over the effect of such microstructural refinement on

the bulk fracture toughness. A few groups have observed

higher fracture toughness for WC–Co nanocomposites, with

respect to the conventional cemented carbides [19, 24, 101].

In a more recent investigation, Michalski and Siemiaszko

[101] reported that the fracture toughness of WC–12 wt%

Co cemented carbides increased by *3 MPa m1/2 on

reduction in the WC grain size from 110 nm (*12 MPa m1/2)

to 50 nm (*15 MPa m1/2) (see Table 2). Also, as can be

seen from Table 2, Sivaprahasam et al. [24] reported a

modest increment in indentation toughness (by *11%),

along with Vickers hardness (by *10%), for WC–12 wt%

Co cemented carbides, on refinement of WC grain size (by

*300 nm) due to the addition of grain growth inhibitors

(0.75 wt% VC–0.25 wt% Cr3C2). Since the cemented car-

bides derive their hardness from hard WC phase and the

fracture toughness arises from the presence of metallic Co

phase, an increase in Co content usually results in higher

fracture toughness, but at the expense of hardness. In this

respect, an interesting observation can be made from the

data presented in Table 2. The grain refinement down to

nanosized levels can allow the retention of high hardness

(*22 GPa) even at higher Co contents (*12 wt% Co),

with high Co content concomitantly resulting in superior

fracture toughness (*15 MPa m1/2). In other words, a

desired combination of fracture toughness and hardness can

be obtained through careful design of the composition and

microstructure of the nanostructured WC–Co cemented

Fig. 5 Hall–Petch type

relationship [linear fit between

Vickers hardness (HV) and

inverse square root WC grain

size (dWC
-1/2)] for a different

WC–10 wt% Co cemented

carbides (with and without grain

growth inhibitor carbides) (re-

plotted with data from ref [20].);

b WC–6 wt% Co cemented

carbide; c Second order

polynomial fit for variation of

HV with dWC
-1/2 for WC–6 wt%

Co cemented carbide;

d Variation of HV with WC

grain size (dWC) plotted in

Logarithmic scale, showing

linear fit (b, c and d re-plotted

with data from ref [109].); e plot

showing increase in Vickers

Hardness with decrease in

binder mean free path for

cemented carbides. Also note

the superior hardness possessed

by nanostructured cemented

carbides with respect to the

conventional cemented carbides

(re-plotted with data from ref

[11].)
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carbides. However, there are reports which suggest that the

nanostructured cemented carbides may not possess

improved fracture toughness (see Fig. 6) [11, 30]. On a

slightly different note, it can also be observed from Table 2,

in most of the reports concerning the fracture toughness of

cemented carbides, the toughness has been estimated by

measuring the lengths of the radial cracks generated around

the Vickers Indentations (that is the short crack method

[114–117]). However, for establishing a more definitive

effect of the reduction in WC grain size to nanosize regimes

on the bulk fracture toughness, a detailed investigation of

the fracture toughness of such nanomaterials using the more

conventional long crack methods, such as single edge

V-notch beam (SEVNB) might be required [49, 115, 116].

Additionally, also lacking in the present literature base is

reports concerning the fracture strength of nanostructured

cemented carbides, measured in bending mode (flexural

strength), such as 3 or 4-point bending. In addition to further

understanding of the mechanical behaviour of cemented

carbides, such results would also allow the ranking of the

WC–Co nanocomposites with other high performance

ceramic composites. In this light, we have recently reported

the fracture toughness of SPS processed nanostructured

WC–Co and WC–ZrO2–Co cermets, as measured using

SEVNB technique as well as the flexural strengths of the

WC-based nanocomposites, as measured in the 4-point

bending mode [49] (see Table 2).

It is generally observed, especially for conventional

grades of cemented carbides, that the fracture toughness

increase with increasing grain size or binder mean free path

[118]. This is believed to be due to a decrease in constraint

for the plastic deformation of the metallic binder ahead of

the propagating crack. Since for the same Co content,

binder mean free path decreases with decrease in grain

size, a reduction in grain size is expected to lower the

toughening contribution from this mechanism. However,

there are additional factors which influence the fracture

toughness of bulk cemented carbides. The following

empirical equation, as reported in Ref [118], relates the

critical strain energy release rate (GIc) during fracture,

following deformation, of the binder phase to microstruc-

tural parameters such as binder mean free path (k), yield

strength (ry) and fracture strain (ef) of the binder phase and

the WC grain size (dWC).

GIc ¼ 3aryef k2=dWC

� �
ð1Þ

Hence, the toughening contribution from Co phase is likely

to increase substantially with increase in binder thickness.

However, it can be observed that the reduction of WC grain

size in itself should lead to an improvement in the fracture

toughness at constant binder mean free path. Furthermore,

since the yield stress of the binder phase also increases with

decrease in WC grain size and an increase in ry can lead to an

increment in the toughening contribution from Co, we

believe that the effect of such grain refinement on the

effective bulk fracture toughness of cemented carbides is a

result of the competition among various parameters involved

in Eq. 1.

An interesting observation concerning the variation in

fracture toughness with hardness for cemented carbides was

reported by Jia et al. [11]. While the fracture toughness of

conventional cemented carbides was found to decrease

drastically with an increase in hardness, no such deteriora-

tion in fracture toughness with hardness was observed for

nanostructured cemented carbides (Fig. 6). Similar con-

trasting behaviour between conventional and nanostructured

cemented carbides was also earlier reported by Fischer and

Jia [119]. The increase in hardness is often associated with

the decrease in WC grain size and a concomitant decrease in

binder mean free path, as well as with alloy strengthening of

the Co phase. For conventional WC–Co composites, where

the plastic deformation of the binder phase is the primary

toughening mechanism, such increase in constraint to the

plastic deformation limits the toughening effect. In this

regard, the opposite trend observed for nanostructured

cemented carbides with respect to the variation in fracture

toughness with hardness, suggests that the contribution from

plastic deformation of the Co phase to the overall toughness

might be limited for the WC–Co nanocomposites. Instead,

the crack bridging by the metallic phase might contribute

significantly to the fracture toughness of the nanostructured

cemented carbides. In fact, alloy strengthening is believed to

result in the enhancement of closer traction against crack

opening imposed by the bridging ligaments, which might

have helped preventing the deterioration of fracture tough-

ness with increase in hardness for the nanostructured

cemented carbides in the study of Jia et al. [11]. However, it

Fig. 6 Variation of fracture toughness with hardness for conventional

and nanostructured WC–Co cemented carbides (re-plotted with data

from ref [11].)
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must be mentioned here that at present, not many reports are

available, which demonstrate such stabilization of fracture

toughness, despite a reduction in WC grain size and con-

comitant increase in hardness, for finer grade cemented

carbides.

Most of the applications of cemented carbides, espe-

cially for use as cutting tools and die materials, demand

excellent wear resistance and accordingly, significant

research efforts have been directed towards understanding

the tribological behaviour of various cemented carbide

compositions and their correlation with different micro-

structural parameters [11, 119–125]. Even though a critical

and comprehensive review of the wear behaviour of

cemented carbides is beyond the scope of the present

article, here we briefly present an overall understanding of

the phenomenon and the highlight the scope for further

improvement of such properties based on microstructural

engineering. Furthermore, consideration must also be given

to the fact that tribology is a system dependent property

and the reported observations may be particular to the

investigated tribological system. In fact, there is still con-

siderable debate over the primary wear mechanisms that

result in material loss of cemented carbides during service.

In general, it has been observed in most cases that the

wear process is primarily initiated by the removal and

extrusion of the ductile binder phase, following plastic

deformation and micro-abrasion [120–124]. In this per-

spective, cemented carbides with finer grain size, and

concomitantly finer binder mean free path, are expected to

show improved wear performance due to the enhanced

resistance to deformation of the binder phase and also the

increased hardness of the finer grain sized composites.

However, in a detailed study concerned with the abrasive as

well as erosive wear of WC–Co cemented carbides, Gee

et al. [125] observed that even though removal of the binder

phase occurred during the initial stages of the wear process,

no evidence of extrusion of the binder phase could be found.

Instead they believed that the dominant wear mechanism

happened to be fracture and removal of individual WC

grains, following accumulation of plastic damage. Such

mechanism would once again suggest that finer the WC

grain size, the lesser is the accumulation of plasticity

induced damage with time and lower is the wear rate. In

fact, it was unambiguously observed that the abrasive wear

resistance of the cemented carbides increased with decrease

in grain size, irrespective of the Co content [125]. A linear

fit was obtained between wear volume and inverse square-

root of WC grain size, especially for the cemented carbides

containing 6 and 10 wt% Co (Fig. 7a). On a similar note, it

was also reported by Fischer and Jia [119] that a lack of WC

grain fragmentation and removal resulted in two times

decrease in abrasive wear loss for nanostructured cemented

carbides with respect to the coarser grained cemented car-

bides, even though the hardness of the nanocomposites were

higher by only *25%. In addition to such effects of

microstructural parameters, it has also been observed that

Fig. 7 a Variations of abrasive

wear volumes for different

WC–Co cemented carbide

grades with inverse square root

of WC grain size (re-plotted

with data from ref [125]);

variations of wear co-efficients

(or wear rates) for WC–Co

cemented carbides with

hardness during sliding wear

against b steel (re-plotted with

data from ref [123]) and

c silicon nitride (re-plotted with

data from ref [121])
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abrasive [124, 125], as well as sliding wear resistance [121,

123] of cemented carbides against metallic (softer) as well

as ceramic (of nearly similar hardness) mating materials

gets improved with an increase in bulk hardness (see

Fig. 7b, c). Correlation between the discussions concerning

the effects of microstructure and mechanical properties on

the measured wear resistance and observed wear mecha-

nism point to the fact that significant improvement in the

tribological performance of cemented carbides is expected,

if the grain size can be reduced to nanosized regime. In fact,

there are few reports, where experimental observations have

demonstrated that nanostructured cemented carbides pos-

sess improved wear resistance with respect to the conven-

tional WC–Co composites (see Fig. 7c) [121].

Development of binderless WC-based ceramics/

composites

As has been demonstrated in earlier sections, cemented

carbides, both conventional as well as nanostructured,

possess an excellent combination of mechanical and tri-

bological properties and are one of the most extensively

used ceramic-based materials for demanding engineering

applications. Even though the metallic binder phase is

responsible for the superior fracture toughness of these

composites, with respect to most ceramic-based materials,

it is this softer component which limits the performance

and hinders the use of such materials, particularly in

applications demanding high hardness and good high

temperature properties. This is due to the partial softening

of the less refractory metallic phase at high temperatures. It

has also been observed that the extrusion of the binder

phase in between the harder WC grains is one of the main

contributory factors towards the wear of such materials

[120–124]. Furthermore, such metallic phase with inferior

corrosion/oxidation resistance is more likely to be the

preferential sites for the initiation of unwanted corrosion/

oxidation induced failures [42–44, 46–50]. Hence, the

metallic phase not only limits the performance of the

cemented carbide based tools but also limits the life of the

equipments due to excessive wear or corrosion.

Against this backdrop, there has been a very recent

surge of interest towards the development and character-

isation of bulk WC-based materials sans the ‘deleterious’

metallic phase. It must be noted that the binder not only

improves the fracture toughness but also acts as sinter-aid

(via liquid phase sintering) for the refractory WC. Hence,

the development of binderless WC demands material

design, which will solve the twin problems of densification

and brittleness simultaneously.

In the early 1980s, Kanemitsu et al. [126] reported the

development of dense binderless WC–3 wt% TiC–2 wt%

TaC composites containing WC grains of *2 lm in size.

However, it was observed that the strength of such mate-

rials were inferior to that of cemented carbides, presumably

because of the absence of the binder phase. Following this

earlier work, Imasato and co-workers [46] explored the

effects of addition of VC and Cr3C2 as grain growth

inhibitors to the previously developed WC–3 wt%

TiC–2 wt% TaC composition. Pressureless sintering at

*1750 �C, followed by HIP, resulted in attainment of

good sinter densities, with the WC grain sizes being

reduced to *0.8 lm. Much higher hardness ([HRA 95),

which increased with the additive contents, and higher

strength (*1.8 GPa at optimum net additive content of

0.4 wt%) were achieved with such binderless ‘cemented

carbides’. Furthermore, the WC–TiC–TaC composites

were observed to possess significantly improved corrosion

resistance with respect to Co and Ni containing conven-

tional cemented carbides. However, there is no direct

comparison of the mechanical properties of the WC–TiC–

TaC composites with those of the conventional cemented

carbides, investigated under similar conditions and with the

same experimental set-ups. Furthermore, in none of these

earlier works, the fracture toughness of the binderless

WC-based composites, which is believed to be the

mechanical property that will be affected the most in the

absence of the binder phase, was evaluated.

With the advent of SPS and related electric field assisted

sintering techniques, it has been possible to sinter mono-

lithic WC to near theoretical densities. El-Eskandarany

[54] was among the first to successfully develop dense

(*99.9% qth) monolithic WC nanoceramics using plasma

activated sintering (PAS) technique (sintering temperature

of 1700 �C). The starting nanosized powders were syn-

thesized from pure WO3, Mg and graphite precursors via

solid state reaction during HEBM. Following this study,

Cha and Hong [50] used SPS to densify micron sized WC

powders into dense and coarser grained monolithic WC

ceramics (Fig. 8a). Kim et al. [22, 47] also achieved

*98% qth densification during consolidation of submicron

(*0.4 lm) binderless WC powders via SPS at 1600 �C for

2 min. Similar to the work of El-Eskandarany [54], grain

growth was insignificant during the sintering, even though

some of the WC grains became faceted. In a different work,

Kim et al. [48] developed dense (*99%) monolithic WC,

having submicron sized grains (*0.5 lm), using a tech-

nique called high frequency induction heated combustion

synthesis, which allowed simultaneous synthesis and den-

sification of WC from elemental W and C powders. Even

though it is now possible to develop dense monolithic WC

possessing significantly higher hardness (24–28 GPa)

compared to the cemented carbides, the extremely poor

fracture toughness of the binderless pure WC (*4 to

6 MPa m1/2) render them unsuitable for use in demanding
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engineering applications as replacements for cemented

carbides.

In order to address the issue of brittleness associated with

binderless monolithic WC, El-Eskandarany [54] fabricated

WC–18 at.% MgO nano/nanocomposite, characterised by

nanosized matrix grains (WC *25 nm) as well as the

nanosized second phase particles (MgO *50 nm), using

PAS. The starting nanopowders were synthesized via solid

state reactions of pure WO3, Mg and graphite precursors

during HEBM. Significant improvement in fracture tough-

ness, up to *14 MPa m1/2 (as compared to 4 MPa m1/2 for

monolithic WC), was observed on incorporation of MgO as

second phase. However, such improvement in fracture

toughness was accompanied by a considerable deterioration

in hardness (*15 GPa) with respect to monolithic WC

(*23 GPa). With regard to synthesis of WC-MgO nano-

composite powders via mechanochemical reaction, as in

HEBM, it has been recently reported by Zhu et al. [127] that

addition of 1.2–1.8 wt% stearic acid to the powder mixture

leads to a change in the reaction mechanism from

mechanically induced self propagating reaction to a more

gradual and homogeneous reaction. This leads to improved

yield, accompanied by further refinement of the powder

particle/crystallite sizes and attainment of more uniform

particle size distribution for the as-synthesized WC–MgO

nanocomposites powders. In a different work, El-Eskan-

darany [55] fabricated WC–32 at.% Al2O3 nanocomposite,

following a similar route using WO3, Al and graphite pre-

cursors. WC–Al2O3 nanocomposite also exhibited high

fracture toughness of *15 MPa m1/2, albeit at a reduction

in hardness to *16 GPa [54].

In order to explore the possibility of exploiting the

transformation toughening of ZrO2 [102, 114, 128, 129] to

improve the fracture toughness of binderless WC, the

Fig. 8 a SEM image of monolithic WC sintered via SPS at

1700 �C[50]; bright field TEM micrographs of b WC–4 wt%

ZrO2–2 wt% Co nanocomposite and c WC–6 wt% ZrO2 inter/

intragranular nanocomposite developed via SPS at 1300 �C. The

nano ZrO2 particles are indicated by ‘z’, metallic Co phase is

indicated as ‘Co’ and the matrix grains are WC in b and c [49]
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present authors developed and characterised WC–ZrO2

composites [49, 51–53]. In order to compare the properties

of the novel ceramic composite with the commercially used

WC–6 wt% Co cemented carbide, Co was replaced by the

same weight fraction of ZrO2 (WC–6 wt% ZrO2). Overall,

the research efforts attempted to either minimise the Co

binder content by partial replacement with ZrO2 (4 and

5 wt%; rest Co) (Fig. 8b) or completely eliminate the Co

phase by full replacement with an equal weight fraction

(6 wt%) of ZrO2 (Fig. 8c). The starting materials used

were submicron sized WC powders (*200 nm) and

nanosized 3 mol% tetragonal zirconia polycrystalline (3Y-

TZP) powders (*30 nm). It was observed that the pres-

ence of nanocrystalline nonstoichiometric ZrO2 enhanced

the densification kinetics during sintering, which allowed

the development of dense ([99% qth) WC–6 wt% ZrO2

composites using pressureless sintering at a temperature of

1700 �C and holding time of 1 h [53]. Furthermore, similar

sinter densities were obtained via SPS at a much lower

temperature of 1300 �C and without even any holding [49].

It must be mentioned here that sintering of the same WC

powders in the absence of ZrO2 under the same SPS con-

ditions lead to a sinter density of only 65% qth. Also, in

earlier works, sinter density of *98% qth has been

achieved for monolithic WC only at a significantly higher

SPS temperature of 1700 �C. Hence, ZrO2 acts as a cera-

mic sinter-aid for WC [51]. While the grain sizes of both

the components varied between 1 and 2 lm for the pres-

sureless sintered composite [53], SPS allowed the devel-

opment of WC–6 wt% ZrO2 nanocomposite in which the

WC grain size varied around 300–400 nm with nanosized

ZrO2 particles (30–80 nm), uniformly distributed within

the matrix grains as well as at the matrix grain boundaries

(Fig. 8c) [49, 51]. It was also observed that the incorpo-

ration of ZrO2 as second phase particles (4–6 wt%) sup-

presses the formation of deleterious ‘truncated trigonal

prism’ shaped WC grains during SPS (compare Fig. 3d,

Figs. 4a and Fig. 7b, c).

An investigation of mechanical properties revealed that

the SPS processed WC–6 wt% ZrO2 inter/intragranular

nanocomposite possess an excellent combination of prop-

erties, such as high hardness (*20 GPa), flexural strength

(*1.3 GPa) and fracture toughness (*10 MPa m1/2) [49].

The flexural strength was superior by *18% to that mea-

sured with the reference WC–6 wt% Co cemented carbide

developed following the same route, while the fracture

toughness was only modestly lower by *16%. Also, par-

tial replacement of Co by ZrO2 (by 1 and 2 wt%) resulted

in improvement in hardness and strength (see Table 2) with

respect to WC–6 wt% Co cemented carbide. However, it

must be noted that the maximum improvement in strength,

with only modest reduction in fracture toughness, was

achieved on full replacement of Co binder phase by ZrO2

(6 wt%). The ability to maintain considerably high fracture

toughness even in the absence of metallic binder phase has

been attributed mainly to the transformation toughening by

t-ZrO2 phase. On the other hand, the fracture toughness and

strength was marginally reduced on increasing ZrO2 con-

tent to 10 wt% and this was due to the inability to uni-

formly disperse the ZrO2 nanoparticles. In a different work,

Malek et al. [130, 131] also found that the mechanical

properties, in particular fracture toughness and flexural

strength, of SPS processed WC–ZrO2 composites get

deteriorated in the presence of agglomerated ZrO2 parti-

cles. Overall, they recorded an improvement in fracture

toughness by *25% and flexural strength by *170%

without any deterioration in hardness, over that of similarly

processed monolithic WC, on incorporation of 10 wt%

2 mol% Y2O3 stabilized ZrO2 particles. However, the use

of a higher SPS temperature of 1700 �C leads to the for-

mation of reaction product phase, like W2C in the work of

Malek et al. [130, 131]. (unlike in our work[49]). The

presence of such additional phases and use of different

technique (indentation/short crack method) may be the

reasons for the slightly lower fracture toughness

(*6 MPa m1/2 recorded with their WC–ZrO2 composites

(as against *10 MPa m1/2 recorded with our nanocom-

posites). In order to overcome the problem of agglomera-

tion of the second phase ceramic particles in binderless

WC-based composites, Yang et al. [132] studied in-detail

the effects of using chemical dispersant (polyethylene

glycol), ball milling, ultrasonication and varying the tem-

perature of dispersing media (distilled water) to ensure

uniform distribution of various phases. Considerable

improvements in the mechanical properties were obtained

for WC–ZrO2–VC composites on optimising the initial

powder particle sizes and dispersion conditions [132, 133].

Hence, overall the replacement of metallic Co with ceramic

(ZrO2), while at the same time attaining similar densifi-

cation and maintaining similar fracture toughness, is a very

important research achievement which solves the long

standing problem pertaining to the softening and degrada-

tion of the metallic phase during demanding applications of

WC-based cermets.

In order to investigate the tribological properties, a

planned set of fretting wear experiments were conducted. It

was revealed that the SPS processed WC–ZrO2 nanocom-

posite possesses excellent wear resistance with a wear rate

of *10-8 mm3/Nm [52, 53]. It must be mentioned here that

such wear rate is 2 orders of magnitude lower than that

measured with the pressureless sintered WC–ZrO2 com-

posite under similar fretting conditions [53]. Hence, the

nanosized ZrO2 particles also aid in achieving improved

tribological properties, which is important with respect to

most of the commercial applications of WC-based materi-

als. Additionally, the feasibility of using EDM for shaping
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WC-ZrO2 composites has also been demonstrated by Malek

et al. [134]. It was found that with uniform distribution of

the ZrO2s phase particles, the surface roughness (Ra)

achieved after EDM could be as low as *150 nm.

Conclusion and outlook

The research results over the last decade have unambigu-

ously established the superiority of bulk nanocrystalline

WC–Co cemented carbides over the conventional cermets,

with respect to their room temperature hardness, strength

and wear resistance. It is believed that usage of WC–Co

nanocomposites are likely to result in improved perfor-

mance in demanding applications and also increase in tool

life. However, nanostructured cemented carbides have not

yet penetrated the commercial market, the primary hin-

drance being related to the processing challenges. Even

though with the advent of synthesis techniques like spray

conversion processing [32–40], WC–Co nanopowders are

commercially available, the consolidation to near theoret-

ical density while at the same time retention of nanosized

grains demand stringent control of the sintering conditions

and usually addition of grain growth inhibitors [20, 24, 25,

84–86]. Furthermore, in spite of the proven potential of

electric field assisted sintering techniques, like SPS [12, 15,

16, 49, 90–94], to allow development of nanostructured

bulk cemented carbides, such processes are not yet used

commercially due to the expenditures involved and limi-

tations on the shapes/sizes of the components, that can be

sintered [12, 15, 16, 130, 131]. Another point of concern

for nanostructured cemented carbides is that in most cases,

a reduction in WC grain size to nanosized regime adversely

affects the fracture toughness [11, 30]. Considering that

bulk fracture toughness is an important material property

for cemented carbides, further investigation is necessary to

understand the fracture behaviour of the nanostructured

cemented carbides and to explore the possibilities of

developing tougher WC–Co nanocomposites.

A survey of the existing literature base has revealed that

still lacking is any detailed investigation on high temper-

ature properties of nanostructured cemented carbides. Even

though the nanocomposites usually show superior hardness

and strength with respect to the conventional cemented

carbides at room temperature, it needs to be established if

such behaviour is also true at high temperatures. We

believe that the presence of more amount of solute in the

metallic binder phase of the nanostructured cemented

carbides is likely to affect the softening temperature of the

binder. In fact, the ability of WC–Co nanopowders to get

sintered at lower temperatures with respect to the coarser

powders [64, 65] may also be due to such lowering of the

softening temperature of the binder phase. Considering that

most tools and dies, made from cemented carbides expe-

rience high temperatures during service, an experimental

investigation of the behaviour of nanostructured cemented

carbides at high temperatures is a pre-requisite before such

material is used extensively at commercial scale.

One of the major problems facing the cermets and the

cemented carbides, viz. due to the softening and prefer-

ential corrosion of the metallic binder phase, has been

addressed very recently via successful development of

binderless WC-based composites [22, 47–55]. In fact, it has

been demonstrated that use of ceramic phase, such as

nanosized t-ZrO2 to fully replace metallic Co (in WC–

6 wt% Co nanocomposites) can allow near theoretical

densification and the development of WC–ZrO2 nano-

composite without any deterioration of room temperature

fracture toughness [49]. These WC-based ceramic com-

posites have also been found to possess excellent wear

resistance [53] and machinability via EDM [134], which

render such materials suitable for various engineering

applications. Such preliminary research has undoubtedly

opened up new vistas for further investigation and devel-

opment of novel WC-based materials for improved per-

formance, increased durability and use in more demanding

applications.
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